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Introduction
Nickel-based superalloys represent one of the most important categories of alloys used in aerospace and gas turbine engines due to the desirable combination of good high-temperature strength, high resistance to creep deformation and corrosion resistance [1, 2] that they offer. Among these superalloys, Alloy 718 is one of the most commonly employed nickel-iron based superalloys. This alloy has good weldability due to the sluggish precipitation of strengthening phases present in it [3] . Alloy 718 has a microstructure that is dominated by a γ Face Centred Cubic (FCC) matrix. Within the matrix, precipitates such as Laves, γ'/γ" (strengthening phases), δ and various metallic carbides and nitrides can be found [4] . The specific microstructure (phase constitution, phase distribution and morphology) of the alloy is mainly governed by the primary manufacturing technology and succeeding postprocessing conditions. Suitable heat treatments are commonly employed to tailor the microstructure of Alloy 718 to achieve the properties required for any targeted application.
According to the ASTM standard [5] directed energy deposition (DED) process is an additive manufacturing process in which a focused energy source (eg: laser, electron beam, plasma arc) is used to fuse materials by melting as they are being deposited. The deposition material can be in the form of powder or wire [6] . In the present study, a laser source was used as the focused energy source and deposition material was in the form of powder. Thus in this article, this process is being referred to as laser metal powder directed energy deposition (LMPDED). Among the repair methods for worn and corroded gas turbine components, this LMPDED method has become popular due to that fact that the parts can be repaired with minimal dilution and distortion [7] . In addition, this method is also used to add features to cast and forged components [8] . In layer-by-layer material deposition that LMPDED involves, the deposited material undergoes repeated heating and cooling when successive layers are being deposited. This causes the solidified material to experience remelting, resolidification and solidstate phase transformation, depending on the nature of the local thermal conditions (such as heating rates, cooling rates, thermal gradients, maximum temperature and number of thermal cycles). Prior published literature reveals that each of the above ultimately influence the underlying microstructure and the resulting mechanical properties [7, [9] [10] [11] [12] [13] .
Tian et al [7] reported a higher hardness in the bottom region than in the top region of Alloy 718 builds deposited by LMPDED. This was rationalised based on the measured thermal profiles at the bottom of the sample and the niobium (Nb) segregation during thermal cycles. The above finding is consistent with the observations made by Zhang et al. [12] and Tabernero et al. [14] in as-built Alloy 718 samples fabricated using a similar process. Qi et al [10] studied the tensile properties of LMPDED Alloy 718 samples in the as-deposited condition and after standard heat treatments (direct age, solution treatment and age i.e., STA, and homogenization followed by STA). The observed differences in mechanical properties in as-built and post-treated conditions were correlated to the corresponding changes observed in microstructure. Liu et al [9] investigated the influence of two different laser scanning paths, namely single direction raster scanning (SDRS) and cross direction raster scanning (CDRS), on the microstructure and mechanical properties. The growth of columnar dendrites was observed to occur along the deposition direction in SDRS samples compared to CDRS samples. However, the CDRS samples showed better ductility compared to the SDRS samples. Apart from experimental studies, modelling studies have also been performed on LMPDED, with the primary focus being on predicting melt pool characteristics, thermal conditions, grain structure and residual stresses [8] . However, relatively less attention has been paid to developing models to predict microconstituent phase formation during the LMPDED process. Nie et al [15] showed the presence of relationships between cooling rates as well as thermal gradients and Laves phase formation during LMPDED of Alloy 718 through stochastic modelling work using a simplified nickel (Ni)-niobium (Nb) Alloy system. Their observations indicated that low thermal gradients and high cooling rates can lead to a distribution of Laves phase as discrete particles rather than in the form of a continuous network and, thus, reduce the risk of cracking.
Based on the above, it is apparent that an improved understanding of microstructure formation during the LMPDED process is important in order to achieve the desired build performance and quality. However, experimental observation of microstructure formation during the build process and subsequent post heat treatments is a difficult and timeconsuming task. Therefore, reliable computational modelling methods are highly desirable for this purpose. In the present study, phase-field modelling, combined with transformation kinetics calculations, have been utilised to investigate microstructure formation (growth of dendrites, element segregation and phase formation) during LMPDED of Alloy 718 and subsequent heat treatment.
Experimental work
Gas atomized Alloy 718 powder was utilised to generate the LMPDED built samples in this study. The powder was deposited onto an as-cast Alloy 718 substrate using a coaxial nozzle equipped with a 6 kW Ytterbium fibre laser. The nozzle set-up was mounted on an IRB-4400 ABB Robot, which was used to control the motion during deposition of the Alloy 718 samples. Single-wall samples comprised of a single layer, 2-layers, 3-layers and 15-layers in the build direction were deposited. The width of the single wall was equal to a width of a single-track (∼1.89 mm) and the length of the walls were roughly 35 mm. Table 1 shows the nominal compositions of both powder and substrate. The particle size of the powder was in the range of 20-75 μm. A volumetric powder feeding system was utilised to deliver the powder to the coaxial nozzle with an angular outlet. Argon was used as the carrier gas as well as the shielding gas. Table 2 shows the process parameters used in the present study to generate the deposits. Temperature measurements that served as input for the modelling work in this study were made at the first deposited track level, using type-K thermocouples according to the method previously described by Segerstark et al. [16] .
The heat treatment performed in this study was according to the suggestion by Barron [17] and comprised solutionizing the sample using an air furnace at 954°C/1 h -air-cooled followed by ageing at 760°C/5 h-furnace cooled + 650°C/1 h -air-cooled. This heat treatment is generally used in case of Alloy 718 repaired jet engine components to avoid coarsening of γ″ precipitates present in the base component.
For microstructure evaluation, samples were sectioned and mounted using non-conductive Bakelite. Zeiss EVO 50 Scanning Electron Microscope (SEM) was utilised to analyse the microstructure. In order to quantify the area fractions of Nb-rich constituents, SEM images were analysed using the open source software ImageJ. Microhardness measurements were performed using a Vickers micro-hardness testing machine with a load of 0.5 N and a dwell time of 10 s.
Modelling work

About MICRESS and the governing equations
The phase-field method has been utilized in the current work to model the evolution of microstructure during LMPDED and subsequent heat treatment. This method has been widely used to simulate microstructure evolution in materials in the past two decades [18, 19] . The advantage of the phase-field method is that there is no need to track the interface, as in classical sharp interface modelling methods. This is achieved by introducing a phase-field parameter (also known as order parameter) that varies smoothly between two phases. Therefore, in the phase-field method, the interface will be a part of the solution.
The simulations in the current work have been performed using the commercially available phase-field software MICRESS (version 6.400, Access e.V., Aachen, Germany) based on the multi-phase-field approach [20, 21] . The multi-phase-field theory describes the evolution of multiple phase-field parameters,
, in space and time. These represent the spatial distribution of multiple phases with different thermodynamic properties and/or multiple grains with different orientations. The phase-field parameter, ϕ α , assumes a value of 1 if the phase α is present locally and a value of 0 if the phase is not present locally. At the interface of the phase α, ϕ α varies smoothly between 0-1 over the interface thickness of η. Only a summary of the formulation of the time evolution equations implemented in MICRESS software are presented here. A more detailed formulation is further described in [21, 22] .
The time evolution of the phase-field variable, ϕ α , is calculated from the free energy functional F , which integrates the density functional f over the domain Ω.
Here, the brackets {} contains all phases of α present in the domain, and should not be considered as a locally present α. → C α represents the composition of the phase α. The density functional f depends on the interface energy density f int and chemical free energy f chem and can, therefore, be written as follows:
In the Eq. (3) above, σ αβ represents the anisotropic interface energy of the interface between α and β. The variable v represents the total number of local co-existing phases. The multiphase-field equation, which defines the time evolution of = → ϕ x t ( , ) α in multiple phase transformations, is derived by minimization of the total free energy F following a relaxation principle.
A generic version of the multiphase-field equation can be written as [22] :
Here, M αβ is the mobility of the α-β interface. The parameter K αβ is related to the local curvature of the interface. The interface motion depends on the curvature contribution (σ K αβ αβ ) as well as on the thermodynamic driving force
αβ . This driving force, in turn, depends on the temperature T and the local multi-component composition → C . The multi component composition couples the phase-field equation to the multi-phase diffusion equations given below.
The parameter → D α in Eq. (7) represents the multi-component diffusion coefficient matrix for phase α. Here
αβ are calculated through direct coupling to mobility and thermodynamic databases, respectively, via the TQ-interface of Thermo-Calc Software [23] .
Model setup in MICRESS
In the present work, 2D simulations were carried out. The 2D domain was selected normal to the build direction in the 1 st track of the LMPDED sample. Therefore, the domain is an isothermal section without any thermal gradients. In such a domain, the solidification simulations can be carried out by giving only a time-temperature history for the thermal conditions. A simulation domain size of 25 μm X 20 μm with 0.05 μm grid spacing was considered. Alloy 718 was modelled as a 7-component system having the composition shown in Table 4 . This simplification was made to reduce the computational effort that is needed when calculating the thermodynamic and mobility data needed for the simulation. The thermodynamic and mobility data for the model was dynamically taken from TCNI8 and MOBNI4 databases from Thermo-Calc. In addition, a complete multicomponent diffusion matrix based on the local composition values was taken into account.
The simulations started from a complete liquid state, with the composition given in Table 4 . 9 initial γ seeds were positioned in the domain such that the distance between seeds was roughly equal to the experimentally measured Primary Dendrite Arm Spacing (PDAS) of 7.1 μm. The initial temperature of the simulation was set to 1337°C. This liquidus temperature value is taken from Thermo-Calc equilibrium calculations for the current alloy composition. The experimentally measured temperature profile in the 1 st track served as input for the model as the thermal condition. During solidification, phases such as titanium nitride (TiN), MC and Laves are known to form from the liquid [24] . However, TiN formation is not plausible in case of the nominal alloy composition considered in this study since it does not contain any nitrogen (N). In addition, MC too could not be modelled since the simplified alloy system does not contain carbon (C). γ' /γ" formation was also not modelled in the present work as, in order to capture the formation of these nano-scale precipitates, a very small grid spacing (typically in the rage of 1 nm) is required demanding greater computational effort. Hence, in the current phase-field modelling work, only formation of the Laves phase and δ phase were modelled to reduce the complexity of the model and associated computational effort.
During the simulation of microstructure evolution in LMPDED process, the Laves phase was allowed to nucleate at the liquid-γ interface. To simulate the eutectic formation of Laves+γ, nucleation site for eutectic γ was allowed to form at the liquid-Laves interface. For both Laves and eutectic γ nucleations, a critical undercooling value of 2 K was set. For simplicity of the simulation, only the liquid/γ interface was modelled as an anisotropic interface having cubic crystal anisotropy [25] .
To investigate the effect of solution heat treatment on the microstructure of the LMPDED build, solution heat treatment simulation was performed. The microstructure predicted from the preceding thermal cycle simulation was used as the initial microstructure and the solution heat treatment simulation was carried out at 954°C for 1 h (similar to the experimental solution heat treatment). During simulation, orthorhombic δ phase nucleation was allowed within the γ matrix. A critical undercooling of 1 K was set for the nucleation of the δ phase. The δ phase observed to have, (010) δ || {111} γ ; [100] δ || < 1 1 0 > γ , relationship with γ matrix [26, 27] . This relationship was used to set two different orientations for the δ phase in the simulation. Due to limitations in the anisotropic interface models in MICRESS, δ/ γ interface was modelled with a tetragonal anisotropy. Ageing heat treatment was not simulated since the current model resolution was not sufficient to model the precipitation of γ'/γ". A summary of the model parameters used is given in Table 3 . Numerical parameters related to interfacial stiffness and mobility were chosen based on a trial-and-error approach, in order to get the correct morphology for the phases as observed in experimentally.
MICRESS simulations were performed on a Linux server equipped with AMD Opteron(tm) Processor 6386 SE -2.8 GHz (16 cores, only 8 cores was used for the simulations) and 128 GB of RAM. Total simulation time took around 29 h.
CCT and TTT diagram calculation using JMatPro/Thermo-Calc
The time and temperature dependency of phase transformations during isothermal holding and continuous cooling can be represented by Time-Temperature-Transformation (TTT) diagrams and Continuous Cooling Transformation (CCT) diagrams respectively. They show the fraction of the phase transformation as a function of time and temperature. In order to investigate the effect of local elemental segregated on the precipitation of γ'/γ" and δ phases, TTT and CCT diagrams were generated using JMatPro (JMatPro is a trademark of Sun Microsystems, Inc -ver10.2) software. The local segregated elemental compositions predicted from the phase-field simulations were utilized for this purpose.
Results and discussion
In this section, most important experimental results from the microstructural observations relevant for the current modelling effort and their subsequent qualitative validation are discussed. More detailed information about the microstructural characterization of LMPDED Alloy 718 and the ensuing results are published elsewhere [28] . Fig. 1 shows the time-temperature history of the 1 st layer of a 15-layer single wall deposited sample. Only measurement data related to the first 6-layers of the 15-layer deposition sample is being shown here. As can be seen from the figure, the 1 st layer is subjected to multiple thermal cycles during deposition of multiple succeeding layers. During solidification of Alloy 718, elements such as Nb, molybdenum (Mo) and Ti segregate into interdendritic region due to low solubility of these elements in the γ-matrix [4] . Such segregation of elements alters the local thermodynamics of Alloy 718 as well as the driving force for formation of various phases. Therefore, phases such as Laves, δ, NbC and TiN begin to form in the interdendritic region during solidification. In addition, segregation of these elements changes the precipitation kinetics of strengthening phases (γ'/γ") in the γ-matrix. Fig. 2 shows the Nb distribution map after the 1 st and 2 nd cycles.
Effect of thermal cycling on the as-solidified microstructure
During the 1 st thermal cycle, the deposited melt material solidifies. As mentioned earlier, during solidification, Nb segregates into the interdendritic region. Nb is one of the elements that segregates most in Alloy 718. Therefore, its segregation can have a strong impact on the build microstructure [4, 15, 29] . The Nb distribution map reveals that the lowest concentration of Nb is found at the dendrite core, which represents the initial solidified part of the primary dendrite. When moving away from the dendrite core to the interdendritic region, Nb concentration tends to increase. During the growth of the γ dendrite, Nb is continually rejected from the solid to the liquid. Hence, the Nb concentration in the liquid continues to increase. As a result, the liquidsolid interface advances into the liquid region with high Nb content, thereby resulting in an increase in Nb content from the dendrite core to the interdendritic region. From the experimental work reported by Antonsson et.al. [29] , it can be noted that the Nb content in the interdendritic liquid has to be above 20 wt% in order to form the Laves phase. During simulation, it was observed that the Laves phase starts to nucleate in regions where Nb content is greater than 17 wt%. This difference could be attributed to errors in the TCNI8 database or due to simplification of the alloy system. Formed Laves phase can be seen in Fig. 2 as bright yellow particles. The predicted Laves phase in the simulation contained ∼40 wt% of Nb and ∼0.9 wt% of Mo. These predicted values were higher and lower, respectively, compared to the values reported for Nb and Mo in the Laves phase [30] [31] [32] . One reason for higher Nb and lower Mo values in the predictions could be errors in the TCNI8 database. A simple Scheil simulation was performed using Thermo-Calc to check the Nb and Mo contents in Laves phase when it starts to form, and these were found to be around 41 wt% Nb and 0.7 wt% Mo. It was confirmed with the Thermo-Calc company that no parameter has been assessed for chromium (Cr)-Nb-Mo system in the TCNI8 database and this could have led to solubilities of Nb and Mo in Laves phase deviating from the expected values. Fig. 2(b visible change with further deposition of layers (refer Fig. 3 ). Fig. 4 shows the measured hardness values in the first layer in the LMPDED deposited samples. From the thermal measurements depicted in Fig. 1 , it can be seen that during deposition of successive layers, the 1 st deposited layer temperature goes through the γ'/γ" precipitation window for three consecutive thermal cycles. Hence, one can expect that the hardness in the 1 st layer might progressively increase following deposition of the 2 nd and 3 rd layers. However, this was not clearly evident from the measured hardness values shown in Fig. 4 . It is plausible that, even though the 1 st deposited layer passes through the γ'/γ" precipitation window multiple times, the cumulative time that it spends within the precipitation window is inadequate to have a significant impact on the growth of γ'/γ" and, therefore, on the hardness values. Fig. 5 shows the Nb distribution map of the predicted microstructure after solution heat treatment (at 954°C for 1 h) simulation. The needle-like phases that can be seen in the microstructure represent the δ phase. Some Laves phase particles can be seen in the microstructure even though a majority of them have dissolved. These δ needles (δ phase will look like needles in a 2D cross-section and have a platelet morphology in 3D) precipitate close to the Laves phase and in the interdendritic region of the as-built microstructure. One possible reason for this could be the change in the local driving force for precipitation of the δ phase in the above regions due to local segregated composition. Nb released during dissolution of the Laves phase also tends to diffuse to the surrounding interdendritic areas and aid growth of the δ phase. This observation is qualitatively in good agreement with the experimentally observed microstructure in a heat-treated 15-layer sample as shown in Fig. 6 . with δ needles [28] observed mainly in the interdendritic region as predicted by the simulation. Rest of the samples (single layer, two layer and three layer) were also observed to have similar microstructures after the heat treatment.
Effect of heat treatment on the as-built microstructure
Effect of element segregation on the precipitation kinetics
To ascertain the effect of elemental segregation on precipitation during the LMPDED process, CCT diagrams were created using JMatPro, taking the composition close to the Laves phase and in the dendritic core from phase-field simulations. As can be seen from Fig. 7 , the kinetics of precipitation change due to changes in local composition. Close to the Laves phase, γ'/γ" precipitate earlier (more than an order of magnitude in time) compared to the core of the dendrite. Such accelerated kinetics could result in a higher number density of γ'/γ" close to Laves phase than in the core of the dendrite. This prediction is consistent with the experimental work performed by Segerstark et al. [28] . In the as-built microstructure, a higher number density of γ'/γ" was observed close to the Laves phase compared to the core of the dendrite. Fig. 8 shows the TTT diagram generated based on the segregated element compositions at dendrite core and interdendritic regions. It can be clearly seen that there is a difference between the precipitation kinetics due to element segregation Close to Laves phase, the precipitation kinetics of γ'/γ" and δ are more than an order of magnitude faster compared to the dendrite core during the isothermal holding. In addition, as mentioned earlier, the Laves phase begins to dissolve during solution treatment at 954°C, as seen from the heat treatment simulations. Hence, the Nb trapped in the Laves phase is released and diffuses to its surrounding. This favours growth of γ'/γ" and δ phases even further during solution heat treatment. During ageing heat treatment, γ'/γ" precipitates in the core of the dendrites also. However, the amount of these strengthening phases will be lower in the dendrite core as compared to the interdendritic region. In addition, growth of previously precipitated phases can also be expected.
Conclusions
In this study, microstructure evolution during laser metal powder directed energy deposition Alloy 718 and subsequent heat treatment have been investigated. For this purpose, phase-field modelling as well as precipitation kinetic modelling using JMatPro were utilised. The following conclusions were drawn based on the observed results:
• Phases such as Laves and γ'/γ" formed during deposition did not undergo any significant change during subsequent thermal cycles associated with deposition of subsequent layers
• Segregation of alloying elements in the interdendritic region was shown to change the precipitation kinetics of Alloy 718 and caused formation of high amounts of γ'/γ" compared to the dendritic core in the as-built condition
• The δ phase observed in the interdendritic region in heat-treated samples was precipitated during solution heat treatment at 954°C for 1 h. This was predicted during the heat treatment simulation of the as-built microstructure. Elemental segregation was found to be responsible for this δ precipitation.
• A combined approach involving phase-field modelling and transformation kinetic modelling seems promising to provide better insight into microstructure formation during AM of Ni-based superalloys and subsequent heat treatments.
